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Abstract

The transfer of heat through the breeder region of a future fusion reactor is
a key component of its thermal efficiency. Development of advanced ceramic
breeder materials based on LisTiOg3 seek to exploit its ability to accommodate
significant non-stochiometry, however, it is not clear how deviations for the 50:50
mix of LisO and TiOy will affect key properties of the material, including the
thermal conductivity. Therefore, in this work molecular dynamics simulations
are employed to examine how the thermal conductivity of LioTiO3 changes with
stoichiometry. The results suggest that while there is a significant decrease in the
thermal conductivity at room temperature, at higher temperatures the impact

of deviations from stoichiometry is limited.

1. Introduction

Future fusion power stations will employ the reaction between deuterium and
tritium, the so-called D-T reaction. While deuterium can be extracted from sea
water, tritium does not occur naturally in sufficient quantities to support a
fleet of fusion reactors. Therefore, it will be necessary to breed tritium in-situ
from the transmutation of lithium, driven by the neutron ejected by the D-T
reaction. To achieve this, the fusion plasma chamber will be surrounded by a
breeder blanket, which is also used to convert the neutron’s energy into heat

for electricity generation, as well as helping to shield the magnets and other
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components. To ensure the whole fusion process is sustainable it is essential to
be able to recover at least one tritium from the blanket for each fusion reaction
occurring in the plasma (in practice, it will be necessary for the tritium breeding
ratio or TBR to be somewhat above one to allow for engineering losses in the
fuel cycle). The design of the blanket and the selection of materials from which
it is to be constructed is therefore a critically important part of a future fusion
power station.

There have been a number of different concepts developed for the breeder
blanket and these fall into two broad categories defined by the phase of the
breeder material itself. Concepts based on solid breeder materials employ ce-
ramic lithium oxides, typically in the form of small pebbles, while liquid concepts
utilise a molten lithium-lead eutectic. The lithium ceramics offer high lithium
densities and good chemical compatibility with structural materials but their
low thermal conductivities result in relatively low thermal efficiencies [I]. By
contrast, the liquid concepts offer higher thermal efficiencies but the reactivity
of the liquid metal is a concern in the event of an accident.

A number of lithium ceramics have been considered for application in the
breeder blanket, including LisO, LiCoOgy and LisZrOgz. In recent years atten-
tion has focused on lithium metatitanate (LioTiO3) and lithium orthosilicate
(Li4Si04) and these have been selected for use in the Test Blanket Modules on
ITER. Selection of the leading candidate material and development of the actual
breeder blanket requires the ability to predict how the materials evolve during
operation, where they will be exposed to high heat fluxes (with temperatures
expected to be in the range 300-950°C [2]) and irradiation by high energy neu-
trons. Most importantly, it is necessary to be able to estimate how key physical
properties of the materials will change during operation.

The overall thermal efficiency of the reactor depends on the rate of heat
transfer to the coolant, which is determined by a number of factors including
the thermal conductivity of the breeder material itself. In general, ceramic ox-
ides have low thermal conductivites due to being insulators and so heat transfer

is predominantly facilitated by phonons. Defects introduced into the ceramic



breeder matrix during operation, either from lithium depletion or radiation dam-
age, will act as phonon scattering centres, degrading the thermal conductivity
still further. Snead et al. explored the relationship between defect density in-
troduced by neutron irradiation and degradation of the thermal conductivity
[3]. They observed a sublinear dose dependence in the range 0.001 and 0.01
dpa at low temperature. MD simulations of SiC suggested that the increase in
thermal resistivity was proportional to the defect concentrations, however, the
factor of this proportionality depended on the specific defect type [4]. At higher
temperatures Snead et al. demonstrate that the thermal conductivity is closer
to the bulk value due to the defect recovery [3]. However, MD simulations of Gd
doped UQO,, also showed that impact on the thermal conductivity decreases as a
function of temperature [5]. In these simulations the defect population remains
roughly constant and so it is clear that recombination is not the sole reason for
the recovery in thermal conductivity.

In addition to reducing the heat flow to the coolant the reduction in the
thermal conductivity may result in increased thermal stresses in the pebbles
that may result in loss of their structural integrity. Therefore, it is essential to
be able to determine the thermal conductivity of the material as it is ages. Here
we will focus on the titanate.

While there is a metastable cubic phase at low temperatures it is the S-phase
that dominates up to temperatures of 1215°C [6]. It is this S-phase that is of
interest for tritium breeding. The crystal structure of S-phase Li;TiO3 was first
determined by Lang [7] and subsequently refined using X-ray diffraction of large
single crystals by Kataoka et al. [8]. S-LixTiO3 is monoclinic an exhibits the
C2/c space group and can be thought of as a disordered rocksalt structure with
alternating (111) cation planes of lithium, oxygen and a mixed layer containing
both cations. This layered structure results in many of the materials properties
being highly anisotropic, see for example the dielectric tensor [9]. An illustration
of the unitcell of LisTiOj3 is presented in figure [} Within the unitcell the Lil
and Li2 ions sit in the pure lithium layer and the Li3 ions sit at the centre of

the hexagons in the mixed cation layer.
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Figure 1: Graphical representation of the unitcell of LigTiO3. Green, yellow and red spheres

represent lithium, titanium and oxygen ion respectively.

According to the phase diagram of the LinsO/TiOy system [I0, [6], we see
that (-LisTiOs has a compositional homogeneity range of 47 to 51.5 mol%
TiO5. This compositional flexibility has been exploited in the development of
advanced ceramic breeder materials such as Lipy,TiOg.y,, [11} 12} 13| 14], where
the increase in lithium density results in improved tritium breeding performance.
During operation, lithium will undergo transmutation to generate tritium for the
plasma and so the material will be increasingly Li deficient as it ages; Li burn-up
may reach several 10s of % during a typical blanket lifetime [I5]. Therefore, it
is important to be able predict the thermal conductivity of the titanate across
a wide stoichiometric range.

The exact mechanisms by which any non-stoichiometry will be accommo-
dated has been examined widely in the literature. A number of different mech-

anisms have been proposed for accommodation of a lithium excess. Hao et al.



[16] and Bian and Dong [I7] propose that a lithium excess is accommodated by
titanium vacancy V{fi_ defects charge compensated by oxygen vacancies. These
defects can be represented using Kroger-Vink notation as V{fi_ and VOQ'*'7 where
the V indicates a vacancy defect on a site indicated by the subscript. The de-
fect’s relative charge is indicated in the superscript [18]. At smaller deviations
from stoichiometry Hao et al. propose that the LilH defect is the dominant
defect for incorporating the lithium excess. This suggestion is supported by
the diffraction data of Mukai et al. who also suggest the presence of the Li%;
antisite defect (i.e. where Li sits in a Ti site), which is charge compensated
for by reduction of Ti [19]. The presence of lithium substitution onto titanium
sites is also supported by the density functional theory (DFT) simulations of
Murphy and Hine [20]. There is less disagreement regarding the identification
of the dominant defects on the lithium deficient side of the phase diagram, with
Yu et al. and Murphy and Hine proposing the Ti:fj defect charge compensated
for by VLlf defects. Vitins et al. also suggest that the some of the lithium sites
become substituted by titanium [21].

Previous studies of the thermal conductivity of LioTiO3 have shown signif-
icant variation arising due to different pebble sizes, densities and compositions
[22, 23, 24]. Interestingly, the thermal conductivities determined by Hoshino
[11] and Roux [25] for lithium deficient Li;TiO3 are greater than values previ-
ously determined for the stochiometric material. Similarly, Mukai et al. observe
an increased thermal diffusivity for lithium rich samples [19]. As stated above,
the introduction of an increased concentration of point defects to accommodate
this non-stoichiometry would be expected to reduce the thermal conductivity
and diffusivity. Mukai et al. argue that the origin of the increase is due to the
microstructure, as the Li-rich samples are much closer to the theoretical density,
and not the thermal conductivity through the grains themselves [19]. There-
fore, this still leaves the question of how significant the change in the thermal
conductivity in the fuel grains themselves is.

As discussed above the previous experiments attribute the increase in the

thermal conductivity/diffusivity to changes in the microstructure that arises



for the different stoichiometries. This makes it difficult to determine how the
thermal conductivity will change in a pebble that starts with the microstruc-
ture corresponding to an Li-rich or stoichiometric composition and then moves
to become lithium deficient. This type of information can be determined with
an atomic resolution using atomistic simulation techniques, like molecular dy-
namics. Classical MD has already been employed to demonstrate the highly
anisotropic thermal conductivity in Li;TiOg [26]. Therefore the aim of this
work is to use MD to understand how the introduction of non-stoichiometry

changes the thermal conductivity of bulk LiTiOj5.

2. Methodology

Determination of how changes in stoichiometry will affect the thermal con-
ductivity of LisTiO3 will be achieved in two steps. In the first step we will
use lattice statics techniques to understand how the changes in stoichiometry
are incorporated in the lattice. For the calculation of the impact of this non-
stoichiometry on the thermal conductivity we will perform molecular dynamics

simulations using supercells seeded with the defects predicted from step 1.

2.1. Modelling interatomic interactions

All simulations presented here envisage the crystal as an infinite array of
point charges as proposed by Born [27]. The interactions between atoms were
represented using a combination of a long range Coulombic potential and a short
range empirical potential, of the Buckingham form [28], as parameterised by
Vijayakumar et al [29]. This potential is a development of the highly successful
Matsui potential for TiOy [30]. As generated, the model assigns partial charges
to the ions such that gr; = 0.549|e||, ¢mi = 2.196]e|| and go = —1.098||e||. The
shell model of Dick and Overhauser [31] was used to represent the polarisability
of the oxygen ions. The efficacy of the potential to represent the different phases
of LipTiO3 is discussed in detail in previous work [32]. The use of shells in

molecular dynamics simulations requires shell masses to arbitrarily be assigned



or for the energy minimisation of core-shell separations at each timestep, which
is computationally expensive. In this work the empirical model is employed
without shells. In order to demonstrate the efficacy of the potential model used

here the lattice parameters are compared to experimental values in table

Table 1: Table of lattice parameters and elastic constants as obtained from the empirical model
with shells off (this work), empirical model with shells on [32], density functional theory [32]

and experiment [8].

Property Emp (shells off) Emp (shells on) DFT Exp

a /A 5.10 5.07 509  5.06
b /A 8.85 8.80 883 879
c /A 9.48 9.51 9.51 9.75
a/ 90.00 90.00 90.00  90.00
3/ 100.32 100.24 100.25  100.21
v/ 90.00 90.00 90.00  90.00

2.2. Lattice statics simulations

Calculation of the defect energies were performed using the Mott-Littleton
approach [33] and the GULP simulation package [34]. In the Mott-Littleton
method the lattice is partitioned into three concentric regions (1, 2a and 2b)
centered on the defect of interest. Within the central region, with a radius of
10 A, ions are treated using the potential and are relaxed to achieve a force
balance. The ions of region 2a are relaxed in one step using the Mott-Littleton
approximation with the interactions between the regions treated explicitly. This
region extended for 20 A beyond region 1. The remainder of the crystal (region
2b) is simply represented as an array of point charges and is used to generate

the Madelung field of the crystal.

2.83. Thermal conductivity simulations

Molecular dynamics simulations were performed using the LAMMPS simu-

lation package [35]. Simulation supercells were constructed by taking L repeti-



tions of the Lis TiO3 supercell along the direction of interest, and 10x 10 unitcell
cross-sections. These simulation supercells are initially energy minimised un-
der constant pressure and subsequently equilibrated for 50,000 timesteps of 2 fs
each, under constant pressure and temperature (NPT) conditions using a Nose-
Hoover style thermostat and barostat with relaxation times of 0.05 ps and 1.0
ps, respectively.

Once equilibrated, the thermal conductivity was determined using the Miiller-
Plathe method [36], which is a Non-Equilbrium Molecular Dynamics (NEMD)
approach. The method divides the supercell into “chunks” along the direction
of calculation. Kinetic energy swaps are then performed between the hottest
atom in the “cold chunk” and the coldest atom in the “hot chunk” by swap-
ping the velocity of the atoms. The energy cost of each swap (Q) is logged,
and the process is repeated until a steady state temperature gradient (VT) is
created. The thermal conductivity (k) is then simply calculated using Fourier’s
law (Q = kVT) [37].

In this work, the supercell was divided into 20 “chunks” along L, the chosen
direction of calculation. The kinetic energy swaps were performed every 10
timesteps under constant volume and energy (NVE) conditions, along L. After
allowing for at least 100,000 timesteps for the temperature gradient to form,
the temperature of each chunk is recorded every 1000 timesteps for a further
100,000 timesteps. The average temperature gradient over these last 100,000
timesteps is then fitted to a straight line using the method of least squares from
which the thermal conductivity is finally calculated. This is the same procedure
as followed in previous work calculating thermal conductivity of perfect Lis TiOg
[26].

In crystalline structures, the calculated thermal conductivity shows a de-
pendence on the size of the simulation supercell. This is the result of phonon
scattering due to the supercell length L restricting the mean free path of the
phonons [38] [39]. To avoid this without succumbing to the high computational

costs of increasing cell sizes, we employ an extrapolation procedure [40, [39],



using the following relationship,

T =
<
I
—~
=

between the thermal conductivity and supercell length.
By calculating the thermal conductivity for a range of increasing supercell
lengths (L = 30, 40, 50, and 100 unitcell lengths) a final value of the thermal

conductivity is obtained by extrapolating the calculated value.

3. Results & Discussion

8.1. Defects and non-stoichiometry

To determine the exact mechanisms responsible for accommodating non-
stoichiometry it is essential to know the energies for all of the intrinsic defect
species. For Li;TiO3 these are presented in table [2| Defect energies calculated
using the Mott-Littleton approach represent the energy to add or remove atoms
and any accompanying charge from the system and placing them at an infinite
separation, where they no longer interact with the system or each other. Con-
sequently, they are not directly comparable with formation energies calculated
using DFT where a reference state for both the atoms and electrons is typically
defined. However, it is possible to draw comparisons between defects of the
same type. For example, table [2]shows that the lithium site in the mixed cation
layer (VLlig) exhibits the lowest defect energy of the lithium vacancy defects in
excellent agreement with previous DFT simulations. There are small discrepan-
cies with the DFT in that table [2{ predicts that the Vi3, defect is lower in energy
than the VIljl defect, while the DFT predicts the opposite ordering [20]. It is
noted here that the difference in energy for these two vacancy defects presented
here is 0.03 eV and for the DFT it is 0.04 eV, which is within the expected error
of both techniques implying that the energy for the two defects are essentially
the same.

Substitution of a titanium ion onto the lithium site in the mixed cation layer

has a slightly larger defect energy than for substitution into the pure Li layer.



Table 2: Table showing the defect energies for the intrinsic defects in LioTiO3z— as calculated

using molecular simulations with the empirical potentials described in the text.

Defect | Defect energy /eV | Defect | Defect energy /eV
Vi 3.21 Lty 27.59
Vs 3.18 Li3s, 27.59
Vi 3.01 Li};t -2.02
Vi 32.13 Lijy" -2.00
Vi 32.13 Tift -22.23
v 9.22 Tij" -24.14
14554 9.16 oz -0.99
Vs 9.43 07 -0.99
Tidh -23.00
Ti}} -22.90
Tid -22.42

This is likely due to the greater repulsion from the Ti** ions in the mixed cation
layer and again concurs with existing DFT data [32]. For the oxygen vacancy
defects, previous DFT simulations have shown that the removal of the oxygen
from the O3 site is less energetically favourable than removal from either the
O1 or O2 sites. Table |2/ shows that the defect energy for the VQOE defect is 9.43
eV which is higher than the values of 9.22 eV and 9.16 eV predicted for the
V2OJ{ and V?fz defect respectively, therefore it agrees with DFT. The empirical
potential also predicts that there is very little distinction between the titanium
sites, as the defect energies for the vacancy and antisite defects are the same on
both available sites.

The crystal structure of LisTiO3 means that the interstitial defects display
complex geometries. For lithium the lowest energy interstitial defect has a split
structure similar to those predicted in other materials [4I]. Figure [2| shows the

lowest energy Li interstitial defect aligned along the z-direction centered on the

10



Li3 site in the mixed cation layer. This interstitial configuration is only 0.02 eV
lower than the simple isolated interstitial. A number of other split interstitial
configurations were observed, aligned along different crystallographic directions,
however, only the two lowest energies are reported in table [2| for conciseness.
The titanium interstitial is predicted to be metastable and will displace a lithium

ion resulting in the formation of a titanium antisite and lithium interstitial, i.e.:

Tilt + LiX, — TidF + Lil T, (2)

The energy for this reaction is predicted to be -2.16 eV.
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Figure 2: Graphical representation of the lowest energy Li}7L defect. Green, yellow and red
spheres represent the lithium, titanium and oxygen ions respectively. The lithium interstitial
displaces another lithium ion from the Li3 lattice site to create a Lil* :VI}i_ :Li't defect cluster
aligned along the [001] direction, where the lithium vacancy is represented by the transparent

green cube.

With the defect formation energies presented in table [2] it is possible to
calculate the reaction energies for the intrinsic defect processes. The per defect
reaction energies for the intrinsic defect processes are presented in table[3] The
results show that the lithium Frenkel process is the lowest energy process and
the antisite process is the next lowest energy process. Therefore, the defect
chemistry would be expected to be dominated by lithium interstitials/vacancies

and antisite defects as predicted by DFT [32].
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Table 3: Table showing the reaction energies of rate intrinsic defect processes in LigTiO3

normalised per defect (i.e. reaction energy/number of defects).

Process Reaction energy /eV
Li Frenkel 0.49
O Frenkel 4.03
Ti Frenkel 4.62
Antisite 2.29
Schottky 10.93

There are a range of different processes responsible for the accommodation
of excess LioO and TiOs in Li3TiO3. In the majority of cases there is the defect
that actually accommodates the excess cation and then other defects that com-
pensate for the charge imbalance that arises, for example excess lithium might
be accommodated via the Li?ri_ defect with charge compensation provided by the
Vg"' defect. Therefore, by considering all accommodating defects compensated
for by all possible oppositely charged defects (while still ensuring the overall
reaction changes the stoichiometry) it is possible to write a series of reactions
that can accommodate non-stoichiometry in LioTiO3. The list of processes con-
sidered in this work and the energy per formula unit incorporated into Lis TiOg
are presented in table [4l Note that in all cases the lowest energy for each defect
has been used in the calculation of the reaction energies.

The results presented in table [d] show that the most thermodynamically
favourable process for introducing excess LioO into LisTiOg is via a combina-
tion of the Lifr and Li?rf defects. This prediction is in excellent agreement
with previous DFT studies that predict that excess LioO incorporation by the
same defects at intermediate oxygen partial pressures [20]. On the other side
of the Li;O-TiOs phase diagram the lowest energy process for incorporation
of excess TiO5 is via reaction 10 in the table. In reaction 10 excess TiOs is

accommodated by the mutually charge compensating VLlf and Ti:;j defects,

12
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in agreement with previous studies [20, [42]. Overall, table [4] shows that the
energy required to incorporate one formula unit of LisO is nearly 0.8 eV lower
than for the incorporation of a TiOs unit. This observation matches the phase
diagram presented in reference [0 that shows that LisTiO3 can accommodate a
greater degree of excess LioO than TiOs. Overall the potential appears to very
accurately reproduce the defect chemistry of Lis TiOg from both experiment and

DFT.

8.2. Thermal conductivity of non-stoichiometric Liy TiOs

Using the predictions above we can create simulation supercells for molecular
dynamics that contain representative degrees of non-stoichiometry. To explore
both sides of the stoichiometry regime we look at 1% LisO excess (Li-rich) and
1% TiOg2 excess (Li-poor) and use reaction numbers 3 and 10, respectively (see
table .

For the Li-rich case, 0.5% of Ti sites were randomly selected and substituted
with Li. Then, three times as many Li interstitials were added to make up to
1% Li excess while ensuring charge neutrality. For the Li-poor case, 0.25% of
Li sites were randomly selected and substituted with Ti. Then, three times as
many Li vacancies were created to balance the charge and make up to 1% lithium
loss. The defects were randomly introduced into the simulation supercells using
Atomsk [43]. As the non-stoichiometry is accommodated by charged defects it
is likely that these defects will form clusters, particularly, at low temperatures.
An investigation of the role of clustering of these defects and the impact on the
predicted thermal conductivity is reserved for future work.

In figure [3] the extrapolated calculated thermal conductivity for both the
Li-rich and Li-poor cases are shown. We see the same anisotropy in the thermal
conductivity in the three spatial directions, as seen in previous work [26]. The
thermal conductivity along z is notably lower than that in z and y. From kinetic

theory of a phonon gas in crystal the thermal conductivity can be given as:

1
k= gcvl'l} (3)
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where, C, represents the heat capacity at constant volume, [ is the phonon mean
free path and v are the phonon velocities. Phonon velocities can be obtained

from the Christoffel equation:

(Fij — p’UQCSij) Uj = 0 (4)
and,
3 3
Tij =YY Cijunin (5)
k=1k=1

where, p is the density, u; is the displacement in j, n; and n; are the direction
cosines and Cjjr; is the elastic tensor. Therefore, there is a clear link between
the elastic stiffness of the material and the thermal conductivity [44]. Previous
work examined the elastic properties of Li;TiO3 and showed that the Young’s
modulus in z (205.7 GPa) is significantly reduced relative to = (238.2 GPa)
and y (230.7 GPa) [32]. It should be noted that the orientation of the crystal
in this previous work is not the same as used here and so comparisons of the
thermal conductivities and stiffness’s in x and y are not possible. The reduced
stiffness predicted in the z direction will lead to lower phonon velocities reducing
the thermal conductivity in this direction. This has the effect of reducing the

average thermal conductivity (plotted as a dotted line) downwards.
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Figure 3: Calculated thermal conductivity of Li-rich and Li-poor as a function of temperature,
in each of the spatial directions, and as an average over all directions. Where the Li-rich case

has 1% more lithium and the Li-poor case has 1% less lithium than perfect LisTiO3.

Figure [f] shows the average thermal conductivities of the Li-rich and Li-poor
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cases are compared to the perfect crystal [26]. From this figure we see that the
introduction of defects reduces the thermal conductivity at low temperatures
(< 500 K), although this reduction is modest. This is perhaps unsurprising
as the antisite defects are not anticipated to have a significant impact on the
thermal conductivity [3]. As the temperature increases the thermal conductivity
for both non-stoichiometric samples becomes the same as that predicted for the
stoichiometric material. Comparing both sides of the stoichiometry, the Li-rich
side appears to have a slightly larger effect on the thermal conductivity ( ~ 9%
vs ~ 7% less than the perfect crystal) at 300 K.
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Figure 4: The average calculated thermal conductivity of Li-rich, Li-poor, and perfect Lio TiO3

as a function of temperature.

In figure [6] the calculated thermal conductivities of Li-rich, Li-poor and the
perfect crystal are displayed for individual x, y, and z-directions. Here we can
see how the introduction of defects affected the thermal conductivity in each
direction, which is particularly relevant for LisTiOs due to the high degree of
anisotropy predicted previously.

Some experimental data concerning non-stoichiometric Lis TiOg is available
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Figure 5: The average calculated thermal conductivity of Li-rich and Li-poor, plotted alongside
experimental results from the literature [IT} 25].

in the literature. Roux [25] and Hoshino et al. [I1] measured thermal prop-
erties of 0.95LisTiO3 (where the molecular ratio of LioO over TiOs is 0.95,
i.e. lithium deficient). This is seen compared to this work in figure [} We see
the same trend in the data of decreasing thermal conductivity with increasing
temperature. This experimental data is not directly comparable to this work
due to the presence of many other defects not included in our simulations. Both
Roux and Hoshino et al. made the interesting observation of finding the thermal
conductivity of lithium deficient LiaTiO3 to be higher than the stoichiometric
thermal conductivity. As discussed in the introduction the origin of this may
be increased grain sizes observed in the non-stoichiometric material, resulting
in reduced phonon scattering at grain boundaries [19].

Figure [6] shows that the reduction in thermal conductivity observed at low
temperatures is predominantly in the x and y-directions irrespective of whether
the sample is Li-rich or Li-poor. By contrast the thermal conductivity in the

z-direction shows very little difference between the three cases.
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Figure 6: Calculated thermal conductivity of Li-rich, Li-poor, and perfect LioTiO3 as a func-

tion of temperature, in each of the spatial directions z, y, and z.
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4. Conclusion

From defect energies calculated using the Mott-Littleton approach the re-
action energies for different mechanisms for incorporation of non-stoichiometry
have been determined. The results predict that in the LiyO-rich regime ac-
commodation is via the mutually charge compensating LiilJr and Li%{ defects,
while in the TiO4 rich regime accommodation is via the Vi; defect with charge
compensation provided by the Tiif defect. The energy for incorporation of a
formula unit of LiaO was found to be significantly lower than for TiOg, in agree-
ment with the phase diagram that shows considerably more non-stoichiometry
on the LisO-rich side.

Starting from lowest energy configurations, non-stoichiometry was accom-
modated in Non-Equilibrium Molecular Dynamics (NEMD) simulations to cal-
culate the thermal conductivity. It was found that the thermal conductivity
decreases on both sides of the stoichiometry (1% Li excess and 1% Li loss) at
temperatures < 500 K. However, at higher temperatures changes in the stoi-
chiometry of the crystal have a negligible impact on the thermal conductivity.
The Li-rich case appears to have a slightly greater effect than the Li-poor case.
The previously seen anisotropy of the thermal conductivity of LisTiOg3 is seen
again, with the non-stoichiometry making no effect to the thermal conductivity
in the z-direction, and only affecting the thermal conductivity in z and y. Over-
all, the results show that the thermal conductivity drops with the introduction
of defects accommodating non-stoichiometry for both sides of the stoichiometry.

Given that the breeder blanket region of a future fusion reactor will be
operating at higher temperatures, the results presented here suggest that there
will be little or no impact from Li burn-up on the thermal conductivity of
the breeder material and consequently, no impact on thermal efficiency of the
reactor. Further, the changes in stoichiometry were accommodated through
the introduction of large numbers of point defects, similar to those introduced
by neutron irradiation. As a consequence we speculate that the these defects

are also unlikely to significantly impact the thermal conductivity. However,
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neutron irradiation can also create much larger defects such as dislocation loops
and voids; the impact that those might have on thermal conductivity must be

assessed separately in future work.
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